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Abstract—Dislocation mechanisms responsible for the high-temperature mechanical properties of a Zr alloy have been investigated using in situ 
straining experiments between 250 °C and 450 °C. At 250 °C and 300 °C, the results show a steady and homogeneous dislocation motion in prismatic 
planes, with little cross-slip in the pyramidal and/or basal planes. At 350 °C, the kinetics of mobile dislocations becomes very jerky and inhomoge-
neous, in agreement with a dynamic strain aging mechanism. Above this temperature, the motion is again steady and homogeneous. Extensive cross-
slip forms super-jogs which are efficient pinning points against the glide motion. These super-jogs move by glide along the Burgers vector direction, 
never by climb. The glide velocity between super-jogs is linear as a function of the total driving stress (applied stress minus line-tension stress due to 
dislocation curvature), in agreement with the solute dragging mechanism. The origin of the stress–strain rate dependence with an exponent larger 
than unity is then discussed.
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1. Introduction
The origin of the high-temperature mechanical proper-
ties of Zr-a and Zr alloys (T > 200 °C) are still the subject
of deep confusion and intricate controversies, although
abundant experimental results are available and look most
often fairly consistent.1 The reason for this unsatisfying sit-
uation is obviously that the dislocation mechanisms likely
to occur above room temperature are not sufficiently
understood. Different interpretations found in the literature
are all based on the analysis of the temperature dependence
(activation energy), stress dependence (activation volume,
power-law exponent) of the deformation rate and post-mor-
tem TEM observations [1–21].
The temperature dependence will not be discussed here.
Indeed, the activation energies measured in creep and con-
stant strain-rate tests are very scattered, and no reliable
conclusion can emerge from their comparison with various
diffusion energies (also not accurately known). The stress
dependence is much more informative, and most interpreta-
tions are actually based on the study of either activation
volumes or stress exponents of the stress–strain rate
dependence.
As shown below, two types of interpretations emerge
from two types of experiments: whereas thermally activated
glide is the natural interpretation of constant strain-rate
tests, either climb-controlled recovery or thermally acti-
vated glide is proposed in creep tests. In other words, ther-
mally activated glide may be the only mechanism involved
in constant strain-rate and creep if both tests are considered
to be not fundamentally different (apart from their different
strain rates), but climb-controlled recovery may be rate-
controlling in creep in the alternative case. The detailed
results of both kinds are listed below.
ÿ Relaxation tests in constant strain-rate experiments yield
activation volumes which all have the same variation as
a function of temperature: an increase from 25 b3 at
200 °C to a peak at 350 °C, followed by a decrease
to 50 b3 at 400 °C [1–5]. The peak, to which corre-
sponds a plateau in the stress versus temperature curve,
is unanimously interpreted by the occurrence of dynamic
strain aging (DSA) [1–8]. Note that several creep studies
also conclude that DSA takes place in the same temper-
ature range ([9,10], see below). Below the peak, the con-
trolling mechanism has been proposed to be the crossing
of solute atoms (solid solution strengthening) according
to [1,2]. Above the peak, the controlling mechanism is
unclear but has been proposed to be the climb of jogs
on screw dislocations by [1].
http://dx.doi.org/10.1016/j.actamat.2015.01.016
⇑Corresponding author.
1The same comment can also be made for Ti-a and Ti alloys.
ÿ Creep tests yield the stress exponent of the minimum
creep rate versus stress dependence, n  6, in average.
However, two sets of measurements and corresponding
interpretations can be distinguished: (i) n independent
of stress [11–13], interpreted in terms of classical
climb-recovery controlled mechanisms, and (ii) n
increasing with increasing stress [14,15], interpreted by
some thermally activated glide mechanism, either non-
specified [14], or assumed to be the climb of jogs or
super-jogs on screw dislocations [15,16]. This second cat-
egory also includes the results of Rupa [10] showing that
n  3.7 at 300 °C, increases to 6.6 at 350 °C, and then
decreases to 5.2 at 400 °C, in accordance with the peak
of activation volume discussed above.
In brief, two types of mechanisms are likely to occur: (i)
the thermally activated glide of dislocations, including DSA
at about 350 °C, most often assigned to the climb of jogs/
superjogs on screw dislocations, and (ii) the classical recov-
ery-controlled creep where the climb-driven annihilation of
dislocations in excess is rate-controlling.
If one considers that the occurrence of DSA is well
established, there is however one surprising inconsistency
in the corresponding models. Indeed, DSA which is the
dynamic interaction between gliding dislocations and
mobile solute atoms (the latter tending to catch and pin
the dislocations), should be followed by the dragging of sol-
ute atoms at higher temperatures. This thermally activated
mechanism has however never been assumed to play any
role above the DSA domain, probably because its stress
dependence (n = 1) does not fit with the experimental one
(n  6). It should however not be completely rejected, and
a minima be included in, or mixed with other mechanisms.
All these possible mechanisms are so different that they
should be easily distinguished from each other, especially in
in situ straining experiments where both the geometry and
the kinetics of dislocation motion can be recorded as a
function of stress and temperature. In particular, it should
be fairly easy to identify glide or climb motion, as well as
the most efficient obstacles to this motion, e.g., pinning
points like jogs or solute dragging. Such experiments have
been carried out between 250 °C and 450 °C, and the results
are presented below.
2. Experimental
In situ experiments were carried out in a JEOL 2010 HC
transmission electron microscope, with a high-temperature
straining device developed in the CEMES, and the motion
of dislocations was recorded by a Megaview III camera
working at 25 images per second.
Cladding tubes and strips of a M5Ò2 zirconium alloy
were provided by AREVA-CEZUS. The tubes were
obtained by cold pilgering rolling, followed by heat treat-
ment, inducing a fully recrystallized hexagonal close packed
microstructure with a strongly anisotropic crystallographic
texture [21]. Grains are isotropic and have a size of 3–5 lm.
The chemical composition of the M5Ò [22,23] is given in
Table 1. Alloying elements induce homogeneously distrib-
uted second phase particles (b-Nb precipitates and Laves
phases). Thus, the a-Zr matrix is mainly alloyed with
oxygen. The oxygen content is quite higher (1507 wppm)
than common reactor-grade alloys (1000–1400 wppm).
Microsamples were cut out of tubes, mechanically
thinned down and electrolytically polished using a Tenupol
5 and a solution of 70% methanol, 20% 2-buthoxyethanol
and 10% perchloric acid. They were glued on a copper grid
with a high-temperature cement, and strained at a low
speed providing a local strain-rate comprised between
10ÿ6 and 10ÿ5 sÿ1. Seven micro-samples have been success-
fully strained as a whole (more than 7 h of usable video
recording), but the results presented in this article refer to
only three grains belonging to two samples. In sample 1
deformed at various temperatures comprised between
250 °C and 450 °C, the observed grain corresponds to a
(0112) foil plane and near-[2110] tensile direction. In sam-
ple 2 deformed at 400 °C, the first grain corresponds to a
(3417) foil plane and near-[2130] tensile direction, and
the second grain to a (2535) foil plane and near-[3121]
tensile direction. The local straining axis usually remains
within ±10° from the external one, depending on the
observed area, in such a way that the applied force on dis-
locations can be roughly predicted by the Schmid law.
3. Results
3.1. Geometry and kinetics of glide as a function of
temperature
The experimental results described in this section show
that three temperature domains can be defined, the interme-
diate one corresponding to dynamic strain aging. They also
give details on the geometry of the high-temperature mech-
anism, i.e. the multiplication at sources in the prismatic
plane, and the pinning and multiplication at super-jogs
formed by cross-slip. Lastly, they show that super-jogs
move exclusively by glide, never by climb.
A first set of results have been obtained in sample 1 at
temperatures increasing from 250 °C to 450 °C. Fig. 1
shows dislocations with Burgers vector 1/3[1120] moving
steadily and homogeneously in the thin foil at 250 °C.
Many dislocations (e.g., d2) have a dipolar shape with long
segments parallel to the foil surface, resulting from the dif-
ficult shearing of the oxide layer. Other dislocations (e.g.,
d1) which have sheared the surface more easily trail slip
traces (e.g., the straight faint contrast noted trP) parallel
to the intersection of the foil surface with the (1100) pris-
matic plane, which indicates glide in this plane. Dislocation
d1 is not elongated in any close packed direction, either
edge or screw, and its motion is slightly jerky and irregular
at the fine scale, as shown in the enlargement of Fig. 2.
Indeed, dislocations are often pinned at localized obstacles
(as P in Fig. 2a) and move by series of non-correlated
unpinning events.
The motion is still homogeneous at 300 °C, as shown in
Fig. 3 and no significant difference between screw and edge
dislocation mobility can be observed.
Table 1. Chemical composition (in weight) of the M5Ò.
Nb (%) O (ppm) Fe (ppm) Cr (ppm) Zr
1 1507 370 41 Bal.2M5Ò is a trademark of AREVA NP registered in the United States of
America and in other countries.
A marked change of kinetics has been observed in all
samples (three as a whole, and five grains) strained at
350 °C. Fig. 4 shows the same area as in Figs. 1–3. The
same dislocations as in Fig. 1 trailing long dipoles parallel
to the surfaces are observed, but their kinetics of motion is
very different. Indeed, all dislocations remain almost immo-
bile whereas only one (noted d) starts to move fast (velocity
of 5 lm/s) and then stops. Deformation thus proceeds by
a series of fast motions of a few dislocations, contrary to
the homogeneous and steady motion observed at lower
Fig. 1. Motion of dislocations d1 and d2 in a prismatic plane of sample 1, at 250 °C. The slip trace noted trP corresponds to the intersection of the
prismatic slip plane with the foil surface. The directions noted “edge” and “screw” are the projections of the real directions in the observation plane.
Diffraction vector (1011). The corresponding video can be downloaded as a Supplementary material.
Fig. 2. Detail of the motion of dislocation d1 in Fig. 1. The lower images are differences between the bright-field images at different times of
observation. The motion between t = 0 and t = 0.16 s clearly correspond to the crossing of a localized obstacle in P.
temperatures. This motion still takes place mainly in the
prismatic plane, although cross-slip in another plane has
also been observed.
Above 400 °C, the deformation is again homogeneous,
and proceeds by the steady motion of all dislocations at a
lower speed. Fig. 5 illustrates this kind of motion where dis-
locations cross slip extensively between the (1100) pris-
matic plane and either the (1101) pyramidal plane or the
(0001) basal plane, at 450 °C. The motion is however stea-
dier than at 250 °C and 300 °C, as shown in Fig. 6.
A second set of results have been obtained in sample 2
strained at 400 °C, in two grains with two different orienta-
tions. In grain 1, dislocations with Burgers vector 1/
3[2110] have been observed to glide in their (0110) pris-
matic plane. Fig. 7 shows that the slip traces are very recti-
linear, which shows that cross-slip is not activated. Note
that in this case, the prismatic system has a higher Schmid
factor (FS(P) = 0.5) than the most activated first-order
pyramidal one (FS(p) = 0.45 for (0111) and the basal
plane (FS(B) = 0.05). A dislocation is pinned on a precipi-
tate noted P, and one arm (noted d) rotates in the clockwise
direction and emits d1 to the left and d2 to the right, in the
(0110) prismatic plane. The moving dislocation has an
elliptical shape with no straight part along screw or
edge directions. No Orowan loop can be seen after more
than 10 rotations around the precipitate P, which shows
that they have been absorbed by the matrix-precipitate
interface.
The situation is different in grain 2 where dislocations
with Burgers vector 1/3[2110] cross slip extensively
Fig. 5. Homogeneous dislocation motion at 450 °C (sample 1, diffraction vector (0111)). The corresponding video can be downloaded as a
Supplementary material.
Fig. 4. Inhomogeneous dislocation motion at 350 °C (sample 1, diffraction vector (1011)). Note the slow motion of all dislocations between (a) and
(b), separated by 6 s, and the fast motion of d between (b) and (c), separated by 0.12 s. The corresponding video can be downloaded as a
Supplementary material.
Fig. 3. Homogeneous dislocation motion at 300 °C (sample 1, diffraction vector (0111)). The corresponding video can be downloaded as a
Supplementary material.
Fig. 7. Dislocation source, in sample 2 (grain 1) deformed at 400 °C. The dislocation arm d rotates clockwise around the precipitate P, and emits d1
to the left and d2 to the right. The rectilinear slip trace noted trP indicates a pure slip in a prismatic plane. Edge and screw directions are shown in
projection in the observation plane. Diffraction vector (1011). The corresponding video can be downloaded as a Supplementary material.
Fig. 6. Details of a dislocation motion in Fig. 5, showing a very steady motion at a velocity of 200 nm/s (T = 450 °C).
between their (0110) prismatic plane (Schmid factor 0.2)
and either the most activated (0111) first-order pyramidal
plane (Schmid factor 0.29) or the basal plane (Schmid fac-
tor 0.25). By comparison with grain 1, this shows that a
non-prismatic slip is activated only when its resolved shear
stress is higher than that of the concurrent prismatic plane,
namely that the critical resolved shear stress of the non-
prismatic slip is probably slightly higher than that of the
prismatic one. The exact nature of non-prismatic slip (pyra-
midal or basal) cannot however be unambiguously deter-
mined at the fine scale in this specific case. For more
extending deviations, ex-situ observations of Rautenberg
et al. support that the first-order pyramidal plane is the
common deviation plane [21].
As a result of this abundant cross-slip, many super-jogs
similar to those described in [16] are continuously created
and eliminated on mobile dislocations. For instance,
Fig. 8 shows a dislocation 1/3[2110] anchored at a super-
jog SJ1, trailing a dipole which subsequently opens and
forms a large expanding loop. Such a process has been
referred as a multiplication at an open loop in another
hcp metal [24].
The other pinning points, noted SJ2 and SJ3, are also
super-jogs, as shown in Fig. 9. Indeed, Fig. 9 shows another
dislocation of the same type, anchored at a super-jog SJ.
This super-jog moves downward as the dislocation glides
to the right, thus allowing the dislocation to escape from
the corresponding pinning point. The jog motion takes
place along the Burgers vector direction, which can only
be explained by the pure glide process described in
Fig. 9d. The driving force for the side motion of the
super-jog is the difference in the line-tension forces exerted
by the two arms along the screw direction. Neither
jog motion in other directions nor dipole annihilation
which would require climb has been observed at this
temperature.
3.2. Dislocation velocity versus stress measurements at
400 °C
This section is devoted to the stress-dependence of the
dislocation velocity and associated strain-rate. In the first
part, the dislocation velocity is shown to follow the
power-law t / sn with s the applied stress and n  4.3. In
a second part, the same velocity is shown to be proportional
to the local driving stress (t / s). The apparent discrepancy
between these two stress dependences results from the two
different stresses involved at different scales (applied stress
in the first case, local driving stress opposed to the friction
stress in the second case). This result is a new illustration
of the importance to consider the impact of the transition
scales in viscoplastic description of Zr alloys behavior.
Fig. 8. Pinning at super-jogs in sample 2 (grain 2), strained at 400 °C. A dislocation anchored at a super-jog noted SJ1 trails a dipole (in (a)). The
dipole subsequently opens (in (b)) and forms a new dislocation loop (in (c)). Other super-jogs are noted SJ2 and SJ3. Diffraction vector (1011). The
corresponding video can be downloaded as a Supplementary material.
Fig. 9. Formation and motion of a dipole connected to a super-jog SJ
(same area as in Fig. 8, 400 °C). The motion takes place by glide along
the Burgers vector direction b, according to the scheme in (d). The
corresponding video can be downloaded as a Supplementary material.
3.2.1. Dislocation velocity as a function of applied stress
The dynamic sequence Fig. 10 yields an order of magni-
tude of the stress-dependence of the dislocation velocity.
Still in grain 2 of sample 2, two dislocation systems are acti-
vated simultaneously: the preceding one, consisting of 1/
3[2110] dislocations gliding in (0110) and either (0111)
or (0001) planes, and another one corresponding to dislo-
cation d with a 1/3[1120] Burgers vector gliding in the
(1100) prismatic plane (the slip traces on the two surfaces
are noted trP). These two systems have very different Sch-
mid factors, respectively 0.2 in P/0.29 in p/0.25 in B (first
system) and 0.47 in P (second system), to which correspond
very different velocities. More precisely, the velocity of d is
about 20 times higher than that of the other dislocations
(40 nm/s versus 2 nm/s), for a resolved shear stress about
twice higher. This can be described by a power law
t / sn, with s the resolved shear stress and n  ln20/
ln2  4.3 (with a large uncertainty). This value is smaller
than but nevertheless comparable to the macroscopic value
n  6 discussed in the introduction.
3.2.2. Dislocation velocity as a function of the local driving
stress
The velocity law measured above is related to the
applied stress, not to the total driving stress acting on indi-
vidual dislocations. Since the dislocations are curved, the
line tension stress sl must indeed be subtracted from the
applied shear stress s.
This line tension stress varies as the inverse of the radius
of curvature according to sl = T/Rb, where T is the disloca-
tion line tension. In the isotropic elasticity approximation,
T can be expressed as T ¼ E þ @2E=@h2 , where E is the
dislocation line energy and h the dislocation character.
This yields T ¼ðlb2=4pÞ½cos2hþðsin2h=1ÿ tÞþð2t=1ÿtÞ
ðcos2hÿ sin2hÞlnR=b, with l the shear modulus, m the
Poisson ratio, and R the outer cut-of radius. For edge
and screw parts, the ratio of the line tensions is thus
T s=T e¼ ð1þ tÞ=ð1ÿ2tÞ.
Under such conditions, the equilibrium shape of a dislo-
cation loop under stress is an ellipse with a ratio of maxi-
mum to minimum elongation (in screw and edge
directions respectively) a=b ¼ ½ð1þ tÞ=ð1ÿ 2tÞ1=3 ¼ 1:58,
and a ratio of maximum to minimum radii of curvature
Re=Rs ¼ ð1þ tÞ=ð1ÿ 2tÞ ¼ 3:9.
Very similar results are given by the software DISDI
based on anisotropic elasticity calculations [25]. According
to these latter results, and using elastic constants at 400 °C
[26,27], we obtain sl(MPa) = 11200/a(nm) = 7400/b(nm),
where a and b are the maximum and minimum ellipse elon-
gations verifying a/b  1.51.
In the absence of any friction stress, the equilibrium
between line tension stress and applied shear stress can be
written sl = s. When dislocations are subjected to a friction
stress sf, this equation must however be replaced by
sl = sÿsf, i.e. the applied shear stress must be decreased
by the friction stress sf.
The friction stress can a priori depend on several param-
eters, (i) the dislocation character, and (ii) the dislocation
velocity, when the motion is thermally activated. In the first
case, the equilibrium shape is no more the ellipse described
above, and in the second case the dynamic equilibrium
shape of a moving dislocation depends on its velocity,
which obviously makes the analysis trickier. These two
dependences are studied in what follows.
3.2.2.1. Dynamic equilibrium shape of mobile loops
All images have been treated in order to correct from
perspective effects, i.e. dislocations are seen as if the obser-
vation plane was their gliding plane. Then, dislocations
nicely curved between two anchoring points are compared
with ellipses of different sizes and different a/b ratios. One
example is shown in Fig. 11, where a/b = 1.52. In all cases
the ratio a/b ranges between 1.4 and 1.7, close to the equi-
librium value a/b = 1.5 calculated above, which shows that
the friction force is either zero, or almost independent of
the dislocation character.
3.2.2.2. Friction stress as a function of dislocation velocity
Fig. 12 shows an expanding loop subjected to a resolved
applied shear stress s which can be considered constant
Fig. 10. Fast motion of dislocation d with a high Schmid factor
(corresponding slip traces trP), compared to the slow motion of the
other dislocations with a lower Schmid factor. Same area as in Figs. 8
and 9, 400 °C. The corresponding video can be downloaded as a
Supplementary material.
during the short time of the sequence. The loop shape has
been corrected from perspective effects, and from the shift
between the real dislocation position and its image (which
depends on the sign of the diffraction vector). This shape is
approximated by ellipses of various sizes but constant a/b,
which allows one to measure the line tension stress sl as a
function of the dislocation velocity v. Fig. 12i shows that this
variation is linear, which, according to sl = s ÿ sf, implies
that sf is proportional to v. In other words, the dislocation
velocity v is proportional to the “driving” stress (opposed
to the friction stress sf) responsible for the motion. Under
such conditions, and since by definition the friction stress
tends to zero when the velocity tends to zero, extrapolating
the straight line to v = 0 yields the local value of the applied
shear stress, s = 50 MPa. Since the Schmid factor of this slip
system is about 0.25 (average between 0.2 for the prismatic
plane, 0.29 for the pyramidal plane, and 0.25 for the basal
plane), this corresponds to an applied stress of about
200 MPa (and 120–150 MPa for the other cases studied),
in consistency with macroscopic values deduced from con-
ventional mechanical tests at comparable strain rates
(between 120 and 160 MPa) [28]. Several velocity versus
friction stress measurements performed in several grains
all yield the same proportionality law, as shown in Fig. 13.
Fig. 12. Loop expansion as a function of time increment, and corresponding glide velocity as a function of line-tension stress (deduced from
theoretical equilibrium loop shapes). The images are differences between frames separated by times Dt, corrected from perspective effects. Sample 2,
grain 2, 400 °C, diffraction vector (1011). The corresponding video can be downloaded as a Supplementary material.
Fig. 11. Dislocation curved between two pinning points at 400 °C,
compared with a loop shape computed in anisotropic elasticity under a
stress of 42 MPa. The image is corrected from perspective effects.
Fig. 13. Dislocation velocities as a function of friction stress. The three
symbols correspond to three different measurements.
4. Discussion
The first important result of this study is the observation
of DSA at the scale of individual dislocations. Indeed,
several in situ measurements in samples with various grain
orientations consistently show a particular kinetics of
mobile dislocations at 350 °C. Whereas dislocations move
homogeneously and steadily below and above this temper-
ature, their motion is very irregular and either very slow or
very fast, as if intermediate velocities were forbidden. This
picture corresponds to what is expected from DSA, as
observed previously in the intermetallic alloys TiAl and
Fe3Al [29], and in iron with carbon [30], under similar
conditions.
Fast dislocations at 350 °C accordingly move by a low-
temperature mechanism, namely the crossing of immobile
solute atoms (in agreement with Fig. 2), whereas slow ones
at the same temperature move by a high-temperature mech-
anism, namely the diffusion-controlled dragging of solute
atoms. Under such conditions, intermediate dislocation
velocities are not allowed, because of a too fast solute dif-
fusion for the low-temperature mechanism, and a too slow
solute diffusion for the high-temperature one.
The observation of DSA at the scale of individual dislo-
cations in a thin foil is a nice confirmation of the reliability
of in situ experiments. As mentioned in the introduction, a
direct consequence of DSA is the occurrence of solute drag-
ging at higher temperatures. This point will be discussed
later.
The second important result is the role of superjogs,
which are created by double cross-slip between prismatic
and either pyramidal and/or basal planes, probably at the
vicinity of solute atoms according to [31]. The landscape
of curved dislocations pinned at superjogs is identical to
that observed post-mortem by Moon et al. [16] and Rauten-
berg et al. [21], which again confirms the reliability of in situ
experiments. However, and contrary to what has been pos-
tulated in reference [16], superjogs do not move by climb,
which rules out the interpretation of the plastic properties
by the jog-dragging mechanism. On the contrary, superjogs
move along the Burgers vector direction by pure glide,
under line tension forces arising from the curvature of
mobile dislocation arcs (Fig. 9d). Similar “unzipping” pro-
cesses have already been postulated and observed in other
materials [32,33]. Under such conditions, the larger bowing
dislocation arcs grow at the expense of the smaller ones,
and superjogs are swept to dislocation extremities, until
new superjogs are formed by cross-slip. As a result of this
dynamic equilibrium, the motion of dislocations can be
described by the viscous glide of curved loops, of average
size scaling with the mean distance between superjogs.
Thermal activation thus originates from the intrinsic glide
mechanism between pinning points.
Although the present results do not support the theory
of climb-controlled dislocation motion at 400 °C, other dif-
fusion-controlled mechanisms are rate-controlling at this
temperature. Indeed, the measurements of Section
3.2.2show that the glide velocity varies proportionally to
the total driving stress (opposed to the friction stress sf),
equal to the local applied shear stress s minus the line
tension stress sl. Such a behavior corresponds exactly
to the solute dragging mechanism expected above the
DSA domain. Indeed, according to Friedel [34], the
dislocation velocity can be written t ¼ ð2b2D=kT Þs, where
D ¼ tDb
2expÿ ðH d=kT Þ is the diffusion coefficient of the
solute atoms responsible for DSA (presumably oxygen),
tD is the Debye frequency, and H d is the corresponding
enthalpy of diffusion. From the slope of Fig. 13, we can
deduce D  3.3.10ÿ17 m2/s and Hd  1.31 eV. This activa-
tion energy is substantially lower than that corresponding
to the diffusion of oxygen in zirconium, of the order of
1.9 eV according to [35,36]. However, our experimental
value corresponds to the diffusion of atoms located in, or
close to the dislocation core which, like the pipe diffusion
(which takes place along the dislocation line, not perpendic-
ular to it), could be easier than in the undistorted lattice.
It can be noted that in the Friedel approximation, the
dislocation velocity is independent of the solute concentra-
tion in the dislocation core, namely independent of the dis-
location character, in agreement with the experimental
results.
This velocity law is however not directly transmitted to
the whole microsample. Indeed, Fig. 10 shows that the
average dislocation velocity follows a power law of the type
t ¼ sn with n larger than unity (n  4.3), in agreement with
macroscopic results. This apparent discrepancy is discussed
below.
Instead of discussing the behavior of individual disloca-
tions, under a constant applied stress s and a variable line-
tension stress s (as in Figs. 12 and 13), we now consider the
average property of a large dislocation ensemble. These dis-
locations are subjected to an average line-tension stress sl
which can be considered constant (of the order of
40 MPa according to Fig. 12), and to an applied stress s
varying with the applied strain-rate. The average disloca-
tion velocity is still proportional to sÿ sl. However, this
velocity can also be written t ¼ sn, with
n ¼ ½Dlnðsÿ slÞ=Dlns, which, for sl = 40 MPa and s vary-
ing between 45 MPa and 60 MPa, yields n  5 in agreement
with Fig. 10 and macroscopic results.
In these estimates, the line tension stress plays the same
role as the threshold stress which is often put forward to
account for high creep exponents in phase-dispersed alloys
[37–39]. A general expression proposed by C¸adek [38] yields








This expression takes into account the variation of the
threshold stress with applied stress, which may result
from the lateral glide motion of super-jogs. Our in situ
observations are not accurate enough to measure such
possible effects, but their implementation in a polycrystal-
line model would probably result in a more comprehen-
sive modeling.
5. Conclusions
In situ straining experiments in a zirconium alloy have
yielded the following results:
ÿ Dynamic strain aging (DSA) has been observed at the
scale of individual dislocations, at the same temperature
of 350 °C as in macroscopic mechanical tests. It is char-
acterized by an inhomogeneous deformation by a series
of very fast individual dislocation movements, mostly in
prismatic planes.
ÿ Above and below this temperature, the deformation pro-
ceeds by a homogeneous and steady dislocation motion.
ÿ At 400 °C, curved dislocation loops are anchored at
super-jogs formed by double cross-slip between pris-
matic and either pyramidal or basal planes. These
super-jogs move by glide along the Burgers vector direc-
tion, which rules out models based on the climb motion
of jogs/super-jogs on screw dislocations.
ÿ Dislocations gliding between anchoring points (precipi-
tates and/or superjogs) are subjected to a friction stress
which is almost independent of the character (edge/
screw).
ÿ When the line-tension stress is subtracted from the
applied shear stress, the resulting driving stress (opposite
to the friction stress) is proportional to the dislocation
velocity. Such a behavior is consistent with the solute
dragging mechanism expected above the DSA tempera-
ture regime.
ÿ The average dislocation velocity as a function of applied
stress can be expressed by a power-law with n > 1 (n  4
according to one estimate), in agreementwith results from
mechanical tests. The apparent discrepancy with the pro-
portionality law of solute dragging results from the line-
tension stress which plays the role of a threshold stress.
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